
www.manaraa.com

In situ small-angle X-ray scattering reveals solution
phase discharge of Li–O2 batteries with weakly
solvating electrolytes
Christian Prehala,b,1, Aleksej Samojlova, Manfred Nachtnebelc, Ludek Lovicard, Manfred Kriechbaume

,
Heinz Amenitsche

, and Stefan A. Freunbergera,d,1

aInstitute for Chemistry and Technology of Materials, Graz University of Technology, 8010 Graz, Austria; bDepartment of Information Technology and
Electrical Engineering, ETH Zürich, 8092 Zürich, Switzerland; cInstitute of Electron Microscopy and Nanoanalysis and Graz Centre for Electron Microscopy
(FELMI-ZFE), Graz University of Technology, 8010 Graz, Austria; dInstitute of Science and Technology Austria, 3400 Klosterneuburg, Austria; and eInstitute of
Inorganic Chemistry, Graz University of Technology, 8010 Graz, Austria

Edited by Alexis T. Bell, University of California, Berkeley, CA, and approved March 3, 2021 (received for review October 20, 2020)

Electrodepositing insulating lithium peroxide (Li2O2) is the key pro-
cess during discharge of aprotic Li–O2 batteries and determines rate,
capacity, and reversibility. Current understanding states that the
partition between surface adsorbed and dissolved lithium superox-
ide governs whether Li2O2 grows as a conformal surface film or
larger particles, leading to low or high capacities, respectively. How-
ever, better understanding governing factors for Li2O2 packing den-
sity and capacity requires structural sensitive in situ metrologies.
Here, we establish in situ small- and wide-angle X-ray scattering
(SAXS/WAXS) as a suitable method to record the Li2O2 phase evo-
lution with atomic to submicrometer resolution during cycling a
custom-built in situ Li–O2 cell. Combined with sophisticated data
analysis, SAXS allows retrieving rich quantitative structural informa-
tion from complex multiphase systems. Surprisingly, we find that
features are absent that would point at a Li2O2 surface film formed
via two consecutive electron transfers, even in poorly solvating elec-
trolytes thought to be prototypical for surface growth. All scattering
data can be modeled by stacks of thin Li2O2 platelets potentially
forming large toroidal particles. Li2O2 solution growth is further
justified by rotating ring-disk electrode measurements and electron
microscopy. Higher discharge overpotentials lead to smaller Li2O2

particles, but there is no transition to an electronically passivating,
conformal Li2O2 coating. Hence, mass transport of reactive species
rather than electronic transport through a Li2O2 film limits the dis-
charge capacity. Provided that species mobilities and carbon surface
areas are high, this allows for high discharge capacities even in
weakly solvating electrolytes. The currently accepted Li–O2 reaction
mechanism ought to be reconsidered.

small-angle X-ray scattering | oxygen reduction | disproportionation | Li-air
battery

Understanding formation, properties, and function of energy
materials requires not only information about chemistry but

even more so about structure from atomic to μm scales (1), which
puts high demands on (in situ) analytical techniques (2). This is the
more important as complex composites and transformations are
concerned (3). Electrodeposition of insulators is an intriguing ex-
ample, where anything between monolayers and micrometric layers
may form, even though the process is, in principle, self-limited to
the electron tunneling distance of the deposit (4, 5). Topical ex-
amples are Li–S batteries, where Li2S/S8 are electrodeposited on
discharge/charge (6) and Li–O2 batteries, where insoluble and in-
sulating lithium peroxide (Li2O2) is electrodeposited on discharge
and the process being reversed on charge (5). Li–O2 batteries could
surpass current Li-ion batteries in energy, sustainability, and cost
(4). However, practically realizing high reversible capacities faces
the challenges of forming/decomposing large amounts of Li2O2

while suppressing parasitic reactions (5, 7–11). These challenges
are interrelated and require understanding the interplay between

physical chemistry and structural evolution at the nanoscale (2,
12–16).
Currently, the discharge process of Li–O2 batteries is under-

stood to proceed in between two limiting cases, governed by the
electrolyte solubility of the lithium superoxide (LiO2) interme-
diate (5, 17–22). If LiO2 is soluble, it is mobile and dispropor-
tionates remote from the pore surface to form typically some
100 nm large particles, allowing for high capacities (17, 18, 22,
23). In electrolytes where LiO2 is thought insoluble, Li2O2 would
grow as thin passivating surface film (24–28), leading to poor
rates and low capacity (SI Appendix, Fig. S1). The prevailing
mechanism not only determines rate and capacity (5, 7, 17–19,
28–30) but also impacts parasitic chemistry (7, 17, 31–33).
However, the extent to which these mechanisms prevail is still
not clear, and so is the true capacity-limiting factor, which could
be either e− transport through a thin Li2O2 coating or mass
transport (O2, LiO2, and Li+) through a porous particulate Li2O2
deposit (25, 28, 30, 34–36). Measures and governing factors for
Li2O2 packing density and capacity still need refinement. Con-
clusively identifying capacity limitations requires real-time in situ
metrologies with structural sensitivity from the atomic to sub-
micron scale. Current techniques are strong in aspects but fail to
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seamlessly cover the required length scales in the crucial in situ
fashion (2, 37). Small- and wide-angle X-ray scattering (SAXS/
WAXS) could in principle afford this because of its sensitivity
toward any means that generate electron density contrast on
length scales from 0.1 to 100 nm. However, SAXS data analysis
from complex systems is highly challenging.
Here, we expand the possibilities of in situ SAXS by devel-

oping a data analysis strategy that makes accessible the rich
quantitative information contained in the scattering data of the
electrochemical multiphase systems. The strategy includes 1)
generating a statistically representative three-dimensional (3D)
model of the electrode and 2) growth of Li2O2 structures by a
suitable growth model, which we validate against measured scat-
tering curves. We start with showing that in a high surface area
carbon, a heuristic nucleation and growth model of thin Li2O2
platelets fits the in situ SAXS data over a range of electrolytes,
voltages, and currents including such thought to be prototypical
for surface or solution growth. Crucially, this method allows widely
excluding a conformal Li2O2 coating to grow even in poorly sol-
vating electrolytes and at high overpotentials; conditions previ-
ously considered prototypical for surface growth. This implies the
capacity to be conclusively limited by species (O2, LiO2, and Li+)
transport through the porous particulate Li2O2 deposit rather than
electronic transport limitation through a conformal Li2O2 coating.
Rotating ring-disk electrode (RRDE) measurements and electron
microscopy independently justify solution-mediated discharge in
weakly solvating electrolytes. The study provides 1) unexpected
insights linking the nanoscale structure with Li–O2 mechanisms
and performance and 2) the in situ metrology tool to quantita-
tively characterize morphologies and growth mechanisms in
complex multiphase systems in general, not limited to batteries or
electrochemistry.

Results and Discussion
In Situ SAXS/WAXS. Given the known prominent role of LiO2 sol-
vation on product growth, we chose electrolytes that span the whole
range from mostly associated to dissociated LiO2. These are 1)
acetonitrile (MeCN) as prototype electrolyte believed to form Li2O2
as a conformal coating via surface growth (18, 20), 2) dimethyla-
cetamide (DMAc) with intermediate solvation (18, 20), and 3)
tetraethyleneglycol dimethylether (TEGDME) containing 4,000
ppm H2O as a prototype electrolyte to form large toroidal Li2O2
particles via solution growth. In accord with the majority of works in
literature (5, 7, 38), we refer to surface growth as the process that
produces a (conformal) Li2O2 film on the substrate via two con-
secutive electron transfers limited to the electron tunneling/con-
duction thickness, often considered around 7 nm (5, 25, 26, 39, 40).
The exact number depends on the applied current (41), the po-
tential (42), the concentration of defects or Li2O2 crystallinity (40,
43), the homogeneity of the film (44), and the presence of catalysts
(45). Yet, the morphology is expected to be film like, as the particle
thickness growth is self-limited by the drastic increase in resistivity
with increasing thickness (46). The salient feature of Li2O2 solution
growth is that the second electron transfer passes via LiO2 dispro-
portionation 2 LiO2 → Li2O2 + O2 (5). Note that we do not imply
whether the LiO2 diffused through the solution or at the surface of
existing Li2O2 crystallites. Since even small amounts of water in low-
DN electrolytes could strongly alter product growth (17), we me-
ticulously excluded any unintended water contamination as detailed
in SI Appendix, Supplementary Note 1. As cathode material, we
used the nanoporous KetjenBlack (KB) carbon black with a high
Brunauer-Emmett-Teller (BET) area of 1,398 m2 · g−1.
Understanding the contribution of Li2O2 surface growth to

capacity limitation requires in situ metrologies sensitive to Li2O2
phase evolution with feature sizes from the atomic to the submi-
cron scale. To meet all these requirements, we employed in situ
SAXS/WAXS. A custom-built in situ Li–O2 battery (as detailed in
Materials and Methods and shown in Fig. 1A, sketch of the cell

assembly in SI Appendix, Fig. S2) assures unperturbed cathode
performance as confirmed by capacities equivalent to laboratory
cells (compare Fig. 1 and SI Appendix, Figs. S3A and S4). A small,
2 mm hole in anode and separator guaranteed that the cathode
was the only active cell component hit by the X-ray beam. SAXS
and WAXS intensities were recorded simultaneously on a two-
dimensional (2D) areal detector in an in-house SAXS machine.
Contrary to what current understanding would suggest, achieved

discharge capacities (at 0.007 μA · cmreal
−2 and ∼2.7 V versus Li/

Li+) with the three electrolytes during the in situ experiments do
not follow the order of highest capacity with the highest degree of
LiO2 dissociation (Fig. 1B); the poorly dissociating MeCN electro-
lyte gives the highest capacity, highly dissociating TEGDME/H2O
the lowest capacities. Quantifying the structural evolution of active
material may help to understand these unexpected performance
relations.
Considering first the WAXS data, (100), (101), and (102) dif-

fraction peaks emerge in all electrolytes, confirming crystalline
Li2O2 to form in all experiments (Fig. 1 C–E). Differences in the
integral peak intensities of the three electrolytes indicate different
amounts of deposited Li2O2. This can be explained by the signif-
icantly different discharge capacities (Fig. 1B) and different Li2O2
yields (17). The large difference between (100) and (101) peak
widths could be either caused by eminently anisotropic crystallite
shapes or anisotropic nonuniform strain. However, recent in situ
X-ray diffraction (XRD) (47, 48) (combined with Rietveld anal-
ysis) and electron microscopy studies (49–51) reveal thin disk-like
Li2O2 crystallites (Fig. 1F) induced by anisotropic surface energies
of the Li2O2 crystal facets (52). Lorentzian peak fit parameters are
given in SI Appendix, Fig. S5. For TEGDME/H2O, the peak
widths differ less, indicating slightly thicker Li2O2 platelets. Be-
yond this information, WAXS cannot make a statement about the
ordering in between the crystallites, the position toward the car-
bon surface, and to what extent Li2O2 grows in the form of a thin
conformal coating.
SAXS, in contrast, contains this missing information because

of its sensitivity toward any means that generate electron density
contrast between <1 to ∼100 nm (depending on the accessible
angle range). The data contains hence rich structural and kinetic
information, but inferring back to the complex multiphase sys-
tem (carbon + Li2O2 + electrolyte) is highly challenging. Ana-
lytical SAXS models could in principle describe the ordering and
arrangement of infinitely extended platelets (53), spheres, or the
like. However, these models do not account for the scattering
contribution of carbon and the limited expansion of Li2O2 par-
ticles. To exploit the data, we present a data analysis strategy
(Fig. 2) that is generally applicable to complex multiphase sys-
tems and based on previous work developed for supercapacitors
(54, 55). It allows for following the Li2O2 phase evolution in situ
and extracting nucleation/growth parameters using a suitable
Li2O2 growth model.
First, we generate a statistically representative stochastic model

of the carbon on a 3D lattice. Using an intersected Boolean model
(56), we generate a scattering curve, which is fitted to the ex situ
SAXS curve of the dry electrode (Fig. 2 A and B and SI Appendix,
Fig. S6). Then, the 3D carbon structure (4003 voxels with 0.75
nm3) is reproduced with these fit parameters. Its Fast Fourier
Transformation (FFT) yields the scattering curve, which verifies
the derived structure with respect to the modeled SAXS intensity.
Details are given in Materials and Methods. Second, the carbon
structure is filled with Li2O2 using any appropriate algorithm to
model possible morphologies arising from surface growth (a
conformal Li2O2 coating) or solution growth (Li2O2 platelets)
(Fig. 2C). Whether the grown morphology is representative of the
one experimentally obtained is checked by generating the corre-
sponding scattering curve using FFT (Fig. 2D) and comparing it
with the measured curve (Fig. 2E). This way, model parameters
such as nucleation and growth rates can be fitted to best match
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modeled and measured scattering curves. The fit yields the Li2O2
morphology evolution in real space.
This combined experimental and modeling approach is pow-

erful for several reasons. First, the model of the porous carbon is
obtained from the same experiment (SAXS). Second, also so-
phisticated Li2O2 growth models with explicit physical input
could be used that can be dealt with computationally. Third,
explicit physical input of a corresponding model could be
quantified and validated by structural experimental data. In this
work, all used Li2O2 phase evolution models are fully empirical.
Multiscale models (57, 58) with explicit physical input [e.g., ki-
netic Monte Carlo to model crystal growth (59)] would allow a
more direct validation of mechanistic hypothesis and could be
either run independently or, if computationally feasible, syner-
gistically combined with in situ SAXS according to the algorithm
in Fig. 2.

Li2O2 Product Growth and Electrolyte Solvation. With this method in
hand, we examine the in situ SAXS data from above in the carbon
black electrode with MeCN, DMAc, and TEGDME/H2O elec-
trolytes during galvanostatic discharge (Fig. 3). The MeCN SAXS
data show the formation of a distinct correlation peak with a
maximum around 1.75 nm−1, suggesting ordered structures with a
repeating unit of 2π=qpeak ≅ 3.6  nm (Fig. 3A). Reversibility upon
charge underlines that the vast majority of the SAXS intensity
changes originate from Li2O2 formation/dissolution (SI Appendix,
Figs. S7 and S8). Scanning electron microscopy (SEM) (Fig. 3C)
shows toroidal Li2O2 particles of ≥100 nm in size, suggesting the
correlation peak to stem from parallel and ordered stacking of
Li2O2 platelets. Similarly, in situ SAXS data of DMAc and
TEGDME shows such a correlation peak (Fig. 3 D and G, re-
spectively), albeit broader and less distinct. As confirmed by SEM

images (Fig. 3 F and I), the weaker correlation points at fewer
parallel Li2O2 layers.
Based on these qualitative statements, we developed a heuristic

Li2O2 nucleation and growth model to extract morphological and
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kinetic information from the in situ SAXS data following the
strategy presented in Fig. 2. We make three assumptions: 1) Li2O2
forms via solution growth, 2) Li2O2 crystalizes in thin, disk-like
platelets, and 3) with a certain probability, platelets stack parallel
on top of each other. Solution growth is known to form parallel
platelets (often as toroids) (17, 18, 22, 23). Three rates govern the
morphology: 1) primary nucleation of new Li2O2 platelets, 2)
secondary nucleation of parallel platelets on top of existing ones,
and 3) growth of existing platelets (SI Appendix, Fig. S9). Primary
nucleation considers homogenous nucleation in solution only. As
Li2O2 platelets partially engulf carbon black particles, we expect
no significant difference in the SAXS intensities if heteroge-
neous nucleation on the carbon surface would be specifically
considered. Details and limitations of the model are given in
Materials and Methods and SI Appendix, Supplementary Notes
2 and 3, respectively.
Modeled best-fit morphologies for the three electrolytes are

visualized in 3D and on 2D cross-sections in Fig. 3 B, D, and G
and SI Appendix, Figs. S10–S13. The reasonably good fit quality
between the model-derived and -measured SAXS curves indicate
the 3D model morphologies to be representative of the real
Li2O2 deposits. Fitting the MeCN data reveals the distinct cor-
relation peak at ∼1.75 nm−1 to stem from a highly ordered stack
of plates with stack sizes and plate expansion beyond 50 nm, the
largest feature size resolvable with the given SAXS range. The
model confirms that the weaker correlation with growing disso-
ciation stems from thicker and fewer Li2O2 stacks (Fig. 3 E and
H). Hence, nucleation decreases and growth increases.
Quantitative dependencies of model-derived parameters on the

three electrolytes are given in Fig. 3 J and K. They stem from
modeled best-fit real space morphologies along the depth of dis-
charge (Fig. 3 B, E, and H) showing lower plate ordering as LiO2
dissociation increases. High plate ordering in MeCN results from
a large secondary nucleation rate (i.e., the rate at which new
parallel plates nucleate on existing ones) (Fig. 3J, black trace). In
contrast, the small nucleation rates in TEGDME/H2O cause
growth to dominate as confirmed in the SEM (Fig. 3K), which
shows few but widely expanding flat layers. Fewer larger particles
as solvation energies increase are also in accord with previous
work (17, 23). Growing LiO2 dissociation further manifests itself
in layer distances increasing from 3.6 to 4.5 and 5 nm (Fig. 3J, blue
trace) and a markedly decreasing mean number of parallel plates
from 7.1 to 4 and 1.6 (Fig. 3K). The dropping plate ordering/larger
size correlates with the concurrently decreasing capacity.

Absence of a Li–O2 Surface Mechanism. Interestingly, galvanostatic
discharge at low overpotentials (∼2.7 V versus Li/Li+) reveals Li2O2
plates and stacks of plates with sizes beyond 100 nm, even in the
poorly solvating MeCN electrolyte, which was expected to show
poor capacity and Li2O2 surface films growing on top of the carbon.
To check whether the expected Li2O2 surface film would be present
at high discharge overpotentials (and currents), we did potentio-
static discharge at 2.1 V versus Li/Li+. Similar to the galvanostatic
in situ SAXS data, a correlation peak around 2.0 nm−1 appears
(Fig. 4A), albeit broader, which points at fewer parallel Li2O2 layers.
This peak remains constantly at 2.0 nm−1 as seen in the relative
SAXS intensity change (SAXS intensities normalized by SAXS in-
tensity at t = 0) versus time (right black arrow in Fig. 4B). There-
fore, this peak cannot stem from particles with a growing surface
layer. The latter would show a significant shift of the correlation
peak from high q (small particles) to lower q (larger particles). The
constant position reflects the constant mean distance of parallel
Li2O2 plates. Also, the very high capacity of more than 4,000 mAh
· gC

−1 after only 6.5 h discharge (SI Appendix, Fig. S14) as well as
the WAXS data (Fig. 4C and SI Appendix, Fig. S15) is in line with
relatively small but densely packed Li2O2 platelets rather than a
few nm thin passivating surface film. Notably, in SEM, the dis-
charged and pristine electrodes appear hardly distinguishable

(Fig. 4F and SI Appendix, Fig. S16). Similar SEM images have
been reported before and interpreted as a proof for conformal
coating via the surface mechanism (17, 22, 23, 60). In a first ap-
proximation, however, the in situ SAXS data do not indicate any
carbon surface coating.
Modeling the SAXS data allows to assign them clearly to sur-

face or solution growth, confirming stacked parallel plates to be
the main feature of the high-overpotential data. The (solution)
nucleation and growth model confirms the broader correlation
peak at ∼2.0 nm−1 to indicate less plates per Li2O2 stack com-
pared to galvanostatic discharge (Fig. 4 D and E and SI Appendix,
Figs. S17 and S18), and the intensity minimum around 0.5 nm−1

together with the broad hump around 0.2 nm−1 reveals small
Li2O2 particles with a mean width around 16 nm. This intensity
hump shifts toward lower q at larger depths of discharge (left black
arrow in Fig. 4B), indicating ongoing growth of Li2O2 particles
(i.e., increasing Li2O2 stack sizes). While the spatial resolution of
SAXS is high enough to resolve the size and layered nature of the
Li2O2 crystallites, in SEM they are hardly distinguishable from
carbon black electrodes (Fig. 4F). Previously, lack of SEM spatial
resolution has created the impression of conformal Li2O2 coatings
in poorly solvating electrolytes. Here we find that even these
electrolytes form Li2O2 at high current densities and low potential
via solution growth.
To further corroborate the absence of the Li2O2 surface film,

we calculated SAXS intensities for a hypothetical Li2O2 surface
coating (Fig. 4 G and H). We now modeled the Li2O2 growth by
a Monte Carlo algorithm (Materials and Methods) and calculated
the hypothetical scattering curves by FFT. Since the X-ray
scattering contrast of Li2O2 and carbon is similar, a conformal
Li2O2 coating would seemingly increase the carbon particle size
in terms of X-ray scattering (Fig. 4H). This results in a distinct
SAXS intensity increase at low q only (Fig. 4G). Note that the
layered structures explain the change over the entire range in-
cluding low q in Fig. 4 A and D. Considering the nice fit between
solution growth model and experimental data (SI Appendix, Fig.
S17) and the high sensitivity of the low q intensity increase, even
a small fraction of concurrent surface mechanism is highly un-
likely. Alternative SAXS data interpretation is further ruled out
in SI Appendix, Supplementary Note 4.
In summary, all in situ SAXS/WAXS data together with SEM

and discharge capacities show Li2O2 crystallites and particles be-
yond 50 to 100 nm in size. A Li2O2 surface film is absent to a
capacity relevant extent at all stages of discharge. This is true for
both poorly and highly solvating electrolytes as well as high over-
potentials (and currents). This suggests that the surface mecha-
nisms with two consecutive electron transfers is widely absent
under these conditions (although the exact maximum thickness of a
Li2O2 surface coating depends on defect concentration, potential,
porosity, and applied current density). In other words, SEM data
together with in situ SAXS/WAXS in MeCN electrolyte and the
high discharge capacities are fully consistent with nucleation and
growth of Li2O2 platelets via solution-mediated disproportionation
down to voltages where cell death occurs.
Solution discharge in weakly solvating electrolytes contradicts

previous understanding that associated LiO2 (clearly dominating
in MeCN) would be insoluble. We probed for soluble superoxide
with rotating ring-disk electrode (RRDE) measurements using
the lithium bis(trifluoromethanesulfonyl)imide (LiTFSI)/MeCN
electrolyte (Fig. 4 I–K and SI Appendix, Fig. S19). Currents from
∼0.05 to 10 μA · cm−2 were applied to the disk with the ring at
∼3.6 V versus Li/Li+. Around 20% of the disk-generated super-
oxide were detected at the ring at 0.05 μA · cm−2 and values
dropping to ∼5% at higher currents. Less than 100% superoxide
detected at the ring do not imply respective partition between
surface and solution mechanism but indicate fast disproportion-
ation during the transit between disk and ring (Fig. 4K). Evidence
comes from SEM images of the rotating electrode after prolonged
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Fig. 4. Absence of a surface mechanism during Li2O2 formation. (A–C) In situ SAXS/WAXS intensities versus scattering vector length q upon potentiostatic
discharge of a KB electrode in O2-saturated 1 M LiTFSI/MeCN at 2.1 V versus Li/Li+ (from zero, red curve) to a final capacity of ∼4,000 mAh · gC

−1 (blue curve)
(A). Relative SAXS intensities (normalized by the first SAXS intensity at open circuit voltage) versus time during potentiostatic discharge (B). The corre-
sponding in situ WAXS intensities as a function of the scattering angle 2θ and time, with the Li2O2 (100), (101), and (102) peaks indicated (C). Modeled SAXS
intensities (D) of the solution growth model (heuristic nucleation and growth model) up to a capacity of 3,400 mAh · gC

−1and the corresponding 3D Li2O2

morphology (E) at a capacity of 1,630 mAh · gC
−1. The SAXS model fit is shown in SI Appendix, Fig. S17. SEM image (F) of the electrode at the O2 side at a

capacity of 1,430 mAh · gC
−1 (Scale bar, 500 nm). The small Li2O2 structures shown in F are hardly distinguishable from the pristine carbon black (Inset, Top

Right) and could be misinterpreted as Li2O2 surface coating. (G and H) Li2O2 grown as a conformal 4 nm thick film on carbon (H) using a Monte Carlo–based
model visualized at three depths of discharge in 3D (Top) and by 2D cross-sections (Bottom). Corresponding hypothetical SAXS curves for the surface grown
Li2O2 (G). Given the limited size of the 3D lattice models, the q-range of solution and surface growth model SAXS intensities are different compared to the
experimental SAXS intensities. (I–K) RRDE data with 0.1 M LiTFSI/MeCN and galvanostatic disk current. The ring was held at ∼3.6 V versus Li/Li+, and the disk
current density jD was varied between 0.047 and 10.2 μA · cmreal

−2. The ring current density jR is corrected for collection efficiency (jR = − iR/N0). I shows the
collected fraction jR /jD as a function of disk current jD at 3,000 min−1 (insert: example for jR and jD over time) and (J) the collected fraction jR /jD as a function of
rotation rate for three different disk currents jD. (J) SEM images of discharged ring-disk electrode in 0.1 M LiTFSI/MeCN with jD = 0.14 μA · cmreal

−2 for 18 h
(discharge capacity of 2.56 μAh · cmD

−2) at a rotation rate of 800 min−1. Li2O2 particles are deposited on the GC disk electrode and on the insulating PTFE with
decaying density as the distance from the disk edge grows. [Scale bars, 2.5 μm (500 nm in C′ and D′)]. (K) A sketch of the reaction mechanism leading to Li2O2

deposition on the insulating PTFE spacer of the RRDE.
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discharge (Fig. 4J). Li2O2 particles deposit outside the rotating
glassy carbon (GC) disk on the polytetrafluoroethylene (PTFE)
spacer with quickly decaying density as the distance from the disk
edge grows (images A to C′ in Fig. 4J). Li2O2 particles at the in-
sulating PTFE confirm Li2O2 nucleation and growth via solution-
mediated disproportionation, the decaying density fast dispro-
portionation. Disproportionation to form Li2O2 particles is also
evident at the GC; similar to the PTFE, particle sizes were 100s
of nm (Fig. 4J) or 10s of nm at somewhat higher current and
steady GC substrate (SI Appendix, Fig. S20). Particles of such sizes
cannot form via the surface mechanism, particularly not on PTFE.
These data give evidence of associated LiO2 to be soluble, mobile,
and to disproportionate from solution to Li2O2 particles.

Discussion
The absence of a Li2O2 conformal coating formed via the surface
mechanism in both poorly solvating (low DN) electrolytes and at
high overpotential has important consequences. Contrary to pre-
vious beliefs, the capacity is limited by mass transport of reactive
species rather than electronic transport limitation through a pas-
sivating Li2O2 coating. During discharge, the increasingly tortuous
transport path in the Li2O2–carbon cavities self-accelerates tor-
tuosity increase, finally causing end-of-discharge by mass transport
limitation (O2 and Li+) toward the electrode surface (combined
with some degree of surface blocking by Li2O2 particles touching
the carbon, Fig. 5A). Mass transport limitation is reasoned theo-
retically (34) and comparable to the effect of pore blocking by
NaO2 crystals in Na–O2 batteries (61). Absence of surface growth
even in MeCN and at high overpotentials/high discharge currents
implies these factors to be limiting in all electrolytes. Note that
mass transport limitation here does not mean macroscopic O2
transport limitation across the 10s of μm thick carbon electrode.
Electron microscopy shows that Li2O2 particles form equally in
size and number density on both the separator and O2 reservoir
side of the electrode for galvanostatic discharge (SI Appendix,
Fig. S4).
Mass transport rather than electronic transport limitation

implies that the species mobility controls, next to current density

and LiO2 dissociation, the Li2O2 morphology and hence discharge
capacities. The very high species mobilities in MeCN likely explain
the unexpectedly high discharge capacity in combination with the
high surface area carbon black electrode. At the same time, the
Li2O2 plates are arranged more highly ordered compared to the
other electrolytes, enabling a higher degree of Li2O2 pore filling
before the tortuosity becomes too high.
To demonstrate the importance of current density, we dis-

charged porous electrodes made of low surface area GC powder
at the same geometric current density as the carbon black elec-
trodes, resulting in ∼1,000-fold higher current density (3.5 μA ·
cmreal

−2). The discharge capacities clearly follow the order as
predicted in the literature with similar current densities (22): the
stronger the LiO2 dissociation, the higher the discharge capacity
(SI Appendix, Fig. S3). This implies that the often quoted corre-
lation “the larger the Li2O2 particle size, the larger the capacity” is
only true for planar or low surface area electrodes (such as GC).
In nanoporous carbon black electrodes, not only the particle size
but primarily the pore filling determines the capacity. Hence, the
increased species mobilities (O2, O2

−, and Li+), the highly ordered
Li2O2 stacks, and the fact that pore filling and not solely the
particle size determines capacity, explains the improved perfor-
mance of MeCN with KB.
Given that a Li2O2 conformal coating is absent for the re-

putedly most prototypical conditions, the question arises whether
the Li2O2 conformal coating is absent under all practically rel-
evant conditions. Our data with different electrolytes and at
different discharge potentials would imply so. Given that the
surface mechanism with two consecutive electron transfers was
until now widely considered to form film-like coatings, our re-
sults suggest that oxygen reduction in poorly solvating electro-
lytes does not take place to any capacity-relevant extent via
twofold electrochemical one-electron transfer. While the maxi-
mum film thickness may vary slightly with applied current density
and potential, the overall morphology obtained from the surface
mechanism should be film like (specifically on a flat substrate, as
used in Fig. 4J and SI Appendix, Fig. S20). Tunneling causes the
local film resistance to increase exponentially with increasing
thickness (46). Reduction rates must hence be much faster at
spots with none or lower film thickness than at spots with already
thicker film (57), resulting in self leveling (Fig. 5B). Even if
electronic conduction rather than tunneling prevails (41) and the
conductivity were higher due to defects (40, 43, 62), individual,
large particles (>50 nm) as shown in Figs. 3 and 4 on (nearly)
bare carbon surface would leave the question why there is no
growth at the bare surface in between. Significant RRDE ring
fractions and Li2O2 deposited on the insulating PTFE spacer of
the RRDE imply that Li2O2 forms to the widest extent via
solution-mediated LiO2 disproportionation, even under condi-
tions previously considered prototypical for surface growth.
Exclusive solution discharge would require reconsidering the

currently accepted Li–O2 reduction mechanism. What is the real
evidence remaining for the surface mechanism to take place?
Much support for the assumption of surface routes has been
drawn from 1) end of discharge at calculated compact Li2O2
layers of ≤7 nm, estimated to be the maximum tunneling thick-
ness (25, 26) and 2) RRDE or quartz crystal microbalance
measurements that have shown mobile and seemingly immobile
superoxide in strongly and poorly solvating electrolytes, respec-
tively (18, 19, 22). Yet, theoretically, a pure solution mechanism
could explain all these observations. First, seemingly electron-
blocking ∼7 nm layers were obtained at high current ≥1 μA ·
cmBET

−2. As shown in Fig. 4, Li2O2 forms at already 10-fold
lower current density in small particles that are indistinguishable
from carbon black particles in SEM and easily misinterpreted as
conformal layer (Fig. 4 D–F). Second, seemingly immobile su-
peroxide was concluded from only small to negligible RRDE ring
current when several 100 μA · cm−2 disk currents were applied

e– Depth-of-discharge

A

e– Depth-of-discharge

current density
B

Li2O2

Li2O2

O2

< 10 nm

O2

O2

Fig. 5. Morphology evolution and capacity limitations upon solution or
surface discharge. (A) Build-up of an increasingly tortuous particulate Li2O2

layer upon solution discharge, imposing growing mass transport limitations.
Given the known role of adsorbed LiO2 on existing Li2O2 (69), we believe
that the solution mechanism also implies significant LiO2 transport via the
surface of existing Li2O2 platelets. (B) Li2O2 layer thickness evolution upon
surface discharge. The increase of resistance with layer thickness (exponen-
tial in the case of tunneling) strongly favors further growth at open or
thinner layers, eventually leading to self-leveling of the Li2O2 surface layer
thickness.
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(18, 22). This could be explicable by the fast LiO2(sol) dispropor-
tionation in poorly solvating electrolytes (63) preventing LiO2(sol)
from reaching the ring (Fig. 4 I–K). More in-depth studies on
superoxide solubility and disproportionation kinetics are necessary
to conclusively answer the here shown discrepancies and to pos-
sibly derive a revised Li–O2 reaction mechanism.
On a wider perspective, the here developed method of in situ

SAXS together with sophisticated data evaluation is established as
a powerful in situ method for battery systems and beyond. It ex-
pands the accessible length scales of existing structure-sensitive
methods, such as X-ray tomography (13), with a seamless resolu-
tion from subnanometers to submicrometers. The data analysis
approach allows to directly validate the structural evolution
obtained with modeling attempts (16, 57, 59) using in situ scat-
tering data (54). The example of Li2O2 deposition serves to dem-
onstrate that seamless structural information all the way from
atomic to micrometric scales holds the key to important mecha-
nistic detail (here second e− transfer versus disproportionation).
The methodology can hence elucidate otherwise hardly accessible
reaction mechanisms and growth processes in complex multiphase
systems such as batteries, hybrid supercapacitors, fuel cell catalysts,
and beyond.

Materials and Methods
Materials. LiTFSI from SOLVIONICwas dried under reduced pressure for 24 h at
140 °C. MeCN and DME were distilled under Ar over CaH2. DMAc and
TEGDME were distilled under vacuum. All solvents were further dried and
stored over freshly activated molecular sieves (type 4 Å).

The water content of the electrolytes was determined by Karl Fischer ti-
tration using a Methrom 851 Titrando and found to be ≤30 ppm (details, SI
Appendix, Supplementary Note 1). The BET areas of GC spherical powder
(Aldrich) and KetjenBlack (AkzoNobel) were determined by N2 gas adsorp-
tion and found to be 1.3 m2 · g−1 and 1,398 m2 · g−1, respectively. Electrodes
were made by mixing carbon with PTFE (60 mass% suspension in water,
Aldrich) at 90 : 10 (wt / wt) ratio with isopropanol. The resulting dough-like
material was rolled to a 50 to 70 μm thick free standing film electrode,
washed in acetone/H2O mixture and finally dried at 120 °C under vacuum
overnight. Specific surface areas, specific pore volumes, electrode densities,
and total porosities of the three carbon electrodes are given in SI Appendix,
Table S2. Partially delithiated Lithium iron phosphate (LFP) was used for the
counter electrode material, which was made by mixing LFP, delithiated LFP,
Super P (Timcal), and PTFE in a 62 : 17 : 11 : 10 (wt / wt) ratio with iso-
propanol and rolling the resulting material to a 500 μm thick free standing
film electrode, washing in acetone/H2O mixture and drying at 120 °C under
vacuum overnight. All electrodes were transferred to an Ar-filled glovebox
without air exposure.

Experimental. In situ SAXS measurements were conducted using custom-built
in situ SAXS Li–O2 cells and a SP-150 galvanostat/potentiostat (Biologic). Both
electrochemical standard and in situ SAXS cells used a sandwich of carbon
cathode (50 to 70 μm thick, 8 mm in diameter), an electrolyte-soakedWhatman
GF/A separator, and an oversized partially delithiated LFP counter electrode
(500 μm thick, 12 mm in diameter). The custom-designed in situ Li–O2 cell
consisted of Al grid current collectors, LFP counter electrode, and a carbon
cathode in contact with a Nickel foam for oxygen gas supply. A hole within the
partially delithiated LFP electrode ensured that the X-ray beam hits the cathode
only (64). The hole has a diameter of 2 mm to avoid detrimental effects of
increased Li+ diffusion pathways in the cell. In situ SAXS/WAXS experiments
were performed at a laboratory SAXS instrument (SAXSpoint 2.0, Anton Paar
GmbH) using Cu-Kα radiation and a Dectris EIGER2 R 1M area detector. Simul-
taneous SAXS and WAXS patterns were recorded by alternately measuring for
15 min (5 min for potentiostatic discharge) at 530 mm and 100 mm
sample-to-detector distance, respectively. In addition, proof-of-principle in situ
SWAXS experiments were performed at the Austrian SAXS beamline (65) at the
synchrotron radiation source Elettra in Trieste using an X-ray wavelength of
0.154 nm and a Dectris Pilatus 1M detector (SAXS) and a Pilatus 100K detector
(WAXS) for data collection. All recorded SAXS patterns were azimuthally av-
eraged and normalized by transmission values. The SAXS background intensity
was recorded separately for each cell after removing the cathode. The averaged
and normalized background intensity was then subtracted from all recorded
in situ SAXS curves. In situ WAXS data were corrected by subtracting a linear
background from the azimuthally averaged 2D WAXS pattern.

SEM was carried out on a Zeiss Ultra 55 FEG-SEM (field emission gun-SEM)
using a classical Everhart–Thornley and a high-efficiency in-lens SE detector. To
minimize beam damage, all images were recorded with an acceleration voltage
of 0.8 kV at lowest achievable emission current. The different image contrasts
of the used SE detectors are based on different detector positions and detector
efficiencies. For Fig. 4J, first platinum (Pt) was sputtered to minimize the elec-
tron beam–induced damage and to avoid charging at the PTFE. A high vacuum
sputtering system Leica EM ACE600 was used to deposit 1.6 nm Pt. To ensure
high purity of the Pt layer, the sputtering system was purged three times with
Ar gas prior to sputtering. A FEG-SEM Carl Zeiss MERLIN VP Compact was used.
The signal was detected using an in-column in-lens secondary electron detector
and by in-chamber HE-SE2 Everhart–Thornley detector. The Pt layer allowed to
use 5 kV accelerating voltage in combination with a 10 μm aperture. Higher
accelerating voltage increased the contrast between the surface and the crys-
tals, improving subsequent data analysis. Energy-dispersive spectroscopy was
acquired using an EDAX Octane Elite Super 70 mm2 controlled by APEX 1.5
Advanced Software and equipped with an SiN window.

RRDE measurement was performed inside an Ar-filled glovebox using a
rotator (model MSR) and an RRDE with 5 mm GC disk and a Pt ring with 6.5
(7.5) mm inner (outer) diameter (all Pine research). A SP-300 potentiostat/
galvanostat (Biologic) was used for the measurements. Measurements were
performed in a cylindrical glass cell with narrow upper opening through which
the shaft, a Li1-xFePO4 reference electrode and counter electrode on a
stainless-steel grid, and a tube for O2 were inserted. After O2 saturation by
direct bubbling, the electrolyte was further bubbled during the entire mea-
surement. The electrode was polished before every experiment using 0.05 mm
alumina slurry in isopropanol, rinsed with MeCN and dried under vacuum. A
solution of 2 mM ferrocene in 0.1 M tetrabutyl ammonium TFSI in MeCN were
used to determine the collection efficiency N0 of the ring.

SAXS Data Analysis.
Carbon pore model generation. The computer-generated 3D pore morphology
is obtained from the experimental SAXS intensity of the bare carbon elec-
trodes using intersected Boolean models (56). The method involves a model
fit to the measured SAXS intensity and uses the resulting fit parameters as
an input to generate a statistically representative 3D pore structure on a 3D
lattice (with 400 × 400 × 400 voxels and a voxel size of 0.75 × 0.75 × 0.75 nm).

The model generation requires some a priori knowledge about the pore
structure (e.g., from SEM), since the solution of the model fit is not unique.
Visually, SEM images and the carbon structure obtained from SAXS corre-
spond well in SI Appendix, Fig. S6. Pore size distributions from N2 gas ad-
sorption are given in SI Appendix, Fig. S21.

The derivation of the real space pore structure via intersected Boolean
models is described in more detail elsewhere (56). In short, a Boolean model
is based on spherical grains randomly distributed in space. Here, we define
N = 5 classes of randomly distributed grains with radius Ri. A voxel in the 3D
lattice belongs to the solid (carbon) phase if the voxel can be attributed to a
grain for each of the five classes. The geometrical covariogram of randomly
distributed spherical grains i reads

Ki r( ) = 4π
3
Ri

3 1 − r
2Ri

( )2 1 − r
4Ri

( )Θ 2Ri − r( ), [1]

where r is the real space coordinate, and Θ() the Heaviside step function,
being 1 for a positive argument and 0 otherwise. The solid covariance C11(r)
is the probability that a stick with length r, with random position and di-
rection has both of its ends in the solid phase of the two-phase pore
structure. It can be calculated from the geometrical covariogram C11(r).

C11(r) = ∏
N

i=1
ϕ0,i

2(exp[θiKi(r)] − 1) + (1 − ϕ0,i)2. [2]

ϕ0,i is the pore volume fraction of a specific class of grains i and equals

exp −θi4=( 3πRi
3), where θi is the number density of grains in the simulation

box. The number density of grains θi is adjusted such that ϕ1 = ∏ 1-ϕ0,i( )
equals the total volume fraction of the solid phase. The model scattering
intensity I(q) is obtained by numerically integrating

I q( ) = K ·ϕ1 1 − ϕ1( ) Δρ( )2∫ ∞
0 γ r( ) sin qr( )

qr
4πr2dr   ,    with    γ r( ) = C11 r( ) − ϕ1

2

ϕ1 1 − ϕ1( )     .
[3]

Thismodel scattering intensity is fitted to themeasured intensity,with the grain
sizes Ri, the number density of grains θi, and the prefactor in Eq. 3 being fitting
parameters. We take the total carbon volume fraction ϕ1 = 0.11 from the
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density of the dry electrode (given in SI Appendix, Table S2). It is calculated via
ϕ = Vspec,  pore= Vspec,  pore + 1=( ρskeleton), where the carbon density was assumed
with 2.05 g · cm−3 and the specific pore volume calculated from
Vspec,  pore = 1=ρdry − 1=ρskeleton. The obtained fit parameters are used to gener-
ate the intersected Boolean model on a 3D lattice. The real space pore structure
is obtained by intersecting the 3D structure of each class of grains and by ful-
filling periodic boundary conditions. A 3D electron density map of the porous
carbon is generated by weighting the obtained real-space structure by the mean
scattering length density levels of the two phases (carbon skeleton and pores).
We use 1.74 ·1011   cm−2 (corresponding to a mass density of 2.05  g  · cm−3) for
the carbon phase and zero for the pore phase. A numerical FFT of the electron
density map and a subsequent spherical averaging of the squared amplitude of
the FFT yields the corresponding scattering curve and by such verifies the cor-
rectness of the derived structure with respect to the model fit (red curve, SI
Appendix, Fig. S6A) with respect to the modeled SAXS intensity.
Heuristic Li2O2 nucleation and growth model. The 3D carbon structure can be
filled with Li2O2 particles based on a heuristic algorithm as described
below. The algorithm is based on three assumptions: 1) Li2O2 crystalizes
in form of thin, disk-like plates with a predefined plate thickness. This
shape can be traced back to the anisotropic surface energy of the Li2O2

crystal structure and is experimentally observed in the large difference of
(100) and (101) WAXS peak widths (Fig. 2B); 2) Li2O2 is formed via
solution-mediated growth only. This assumption is based on the large
gravimetric capacity cells using high surface area carbons, such as KB
(Fig. 1); and 3) with a certain probability, Li2O2 plates stack on top of each
other with a predefined plate distance and in a parallel arrangement.
The order in between parallel plates causes correlation peaks in the
SAXS pattern.

We simulate the discharge process in the carbon cathode by filling the
carbon structure with Li2O2 in steps of 3,375 or 562.5 nm3 (i.e., 3,375 nm3 is
the smallest volume unit for modeling of galvanostatic measurements and
562.5 nm3 for potentiostatic measurements). Both memory and computa-
tional time restrict the 3D lattice of the nucleation and growth model to a
size of 400 × 400 × 400 voxels. To adequately model the Li2O2 particle size on
the one hand and sufficiently resolve the ∼2 nm thick Li2O2 plates on the
other hand, we choose a voxel size of 0.75 nm3.

The Li2O2 structure evolves by the following: 1) Placing the smallest vol-
ume unit of a Li2O2 plate at a random position with random orientation in
the pore space (primary nucleation); 2) placing a Li2O2 plate on top of an
existing plate with parallel arrangement (secondary nucleation). The diam-
eter of the added plate is the same as the diameter of the existing plate; and
3) expanding the diameter of existing Li2O2 plates (growth). Li2O2 plates in a
given Li2O2 stack always grow simultaneously. Prior to each nucleation and
growth step, one of the three options is chosen with a certain probability
(Monte Carlo–based draw). These values are related to the main model input
parameters: primary nucleation rate, secondary nucleation rate, and growth
rate. Nucleation and growth probabilities are obtained by multiplying the
input rates with a weighting factor accounting for 1) the availability of
empty pore space (primary nucleation), 2) the total area of Li2O2 plane sites
(secondary nucleation), and 3) the total area of Li2O2 plate edge sites
(growth). To account for long-range disorder in between parallel stacked
plates, the next-neighbor distance in the case of secondary nucleation is
varied following a Gaussian distribution. Equivalently, for primary and sec-
ondary nucleation, the predefined plate thickness is varied with Gaussian
probability. More details can be found in SI Appendix, Fig. S22 and Sup-
plementary Note 2.

The phase evolutionmodel does not consider for carbon pore swelling. Li2O2

discs can partially engulf carbon particles, presuming that particles do not
effectively shadow other regions of empty pore space (SI Appendix, Fig. S23).
Hence considered Li2O2–carbon structural correlations are small.

To generate the modeled SAXS curves, the real-space carbon + Li2O2 +
electrolyte structure is weighted by the corresponding scattering length
densities. We used 1.74 ·1011   cm−2 for carbon, 1.92 ·1011   cm−2 for Li2O2,
and 7.77 · 1010   cm−2, 9.65 ·1010   cm−2, and 9.13 · 1010   cm−2 for MeCN, DMAc,
and TEGDME + 4,000 ppm H2O, respectively. The resulting 3D electron
density map was then Fourier transformed via FFT, and the modeled SAXS
curve was obtained via spherical averaging of the squared amplitude re-
ciprocal space map (54, 55, 66). To make experimental and model scatter-
ing curves comparable, we multiply the model scattering curve by an
empirically determined (instrumental) constant K and a constant back-
ground caused by the electrolyte and carbon structure factor (64) and
determined from the experimental SAXS intensity at 3  nm−1 <   q<   5  nm−1.
The impact of the carbon skeleton density value and the carbon black
structure on the modeled scattering intensity is discussed in SI Appendix,
Supplementary Note 3.

To fit the modeled scattering intensity to the experimental data, we
generated nine model scattering curves with increasing depths of discharge
(in steps of 400 mAhgC

−1 assuming 100% Li2O2 yield) for a given set of fit
parameters (i.e., growth rates, nucleation rates, mean values, and SDs of
plate distance, see SI Appendix, Table S3). The sum of squared residuum
values r2 j(qi) for all qi and depths of discharge j (M = 9 DoDs, between 200
and 3,600 mAhgC

−1, SI Appendix, Fig. S10) was calculated via

RDoD = ∑M=9

j

∑N
i

r2 j qi( ) = ∑M=9

j

∑N
i

Iexp,  j qi( ) − Imod,  j qi( )( )2  /  Iexp,  j qi( )( )2. [4]

The modeled scattering intensity Imod,  j(qi) was fitted to the experimental
scattering curve Iexp,  j(qi) in the range 0.1  nm−1 <   qi <   3.0  nm−1, with N
qivalues. The model scattering curve and the corresponding fit parameters are
chosen by minimizing the error sum of all depths of discharge RDoD for a given
set of fit parameters. The fitting was realized by sampling the parameter space
on a reasonably coarse grid with defined constraints and calculating the sum
of squared deviations for each of these points. Parameters with minimum
error sum were taken as the solution. Sampling the entire parameter space,
rather than using optimization algorithms allowed 1) getting an overview
about local minima and 2) understanding the effect of specific parameter
variations on the scattering intensity.

Extremely high currents for potentiostatic discharge cause inhomogeneous
Li2O2 formation across the cathode (SI Appendix, Fig. S16). The degree of Li2O2

filling as calculated from electrochemical measurements can hence not be
assigned to the actual Li2O2 filling at the irradiated spot on the cathode. We
found that modeled scattering curves with Li2O2 occupancy that relate to 0,
326, 1,954, 2,280, 2,605, and 2,930 mAhgC

−1 best fit the measured in situ SAXS
curves at mean cathode capacities of 0, 600, 2,160, 2,310, 2,380, and 2,570
mAhgC

−1 (model versus experimental SAXS curves see SI Appendix, Fig. S17).
Best-fit parameters for potentiostatic discharge were determined by compar-
ing these sets of scattering curves. Limitations and possible sources of error are
discussed in SI Appendix, Supplementary Note 3.
Monte Carlo surface growth model. Tomodel Li2O2 surface growth, we generated
3D phases that uniformly cover the carbon surface using a Monte Carlo–based
algorithm and calculated scattering curves via FFT of the obtained 3D struc-
tures. The algorithm does not intend to include real physical interactions. The
goal is to understand how SAXS intensities change upon coating the carbon
electrode with Li2O2, which could, in principle, be achieved by other methods as
well (67).

First, 3D carbon models are randomly filled with Li2O2 voxels (Li2O2 beads),
where the quantity is defined by a given depth of discharge. Then Li2O2 beads
are rearranged according to a Metropolis algorithm (68). To account for the
higher particle formation probability close to the carbon surface, we introduce
an empirical attractive potential that exponentially decays with distance to the
carbon surface. A pragmatic method to generate such empirical potential on
the 3D lattice is by convoluting the real space carbon volumetric data obtained
from the intersected Boolean models with a Gaussian function. We use a 3D
Gaussian image filter and weight the resulting 3D lattice data by an appro-
priate factor to obtain the empirical potential. The surface energy is minimized
by accounting for Ising-type nearest-neighbor interactions. The total energy of
the system reads

E = ∑N
i

Eemp. xi ,   yi , zi( ) − γLi2O2
∑N
i

∑M
j

σiσj     , [5]

with Eemp. being the empirical energy term accounting for the attractive
interaction between Li2O2 beads and the carbon surface and γLi2O2

ac-
counting for the gain in surface energy if neighboring voxels belong both to
the Li2O2 phase. σi and σj equal +1 or −1 if the voxel is occupied by Li2O2 or
electrolyte, respectively. N corresponds to the number of Li2O2 beads and M
to the number of nearest neighbors. In line with the Metropolis algorithm,
the new energy is calculated after each Monte Carlo move and compared to
the old one. The move is accepted if the new energy is lower and accepted
with a Boltzmann probability if the new energy is higher. After the desired
morphologies have been obtained and equilibration is convenient, the
simulation is stopped.

To minimize computational time and increase the spatial resolution, here
we use a 3D lattice consisting of 160 × 160 × 160 voxels with a voxel size of
0.35 × 0.35 × 0.35 nm. Equivalent to the heuristic nucleation and growth
model, all phases are weighted by their corresponding electron densities to
obtain the 3D electron density map of the structure. FFT and spherical av-
eraging yields the modeled scattering curves.
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